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Available online 3 May 2017Improving the efﬁciency of gas turbine engines requires the development of newmaterials capable of operating
at higher temperatures and stresses. Here, we report on a newpolycrystalline nickel-base superalloy that has ex-
ceptional strength and thermal stability. These properties have been achieved through a four-element composi-
tion that can form both gamma prime and gamma double prime precipitates in comparable volume fractions,
creating an unusual dual-superlattice microstructure. Alloying studies have shown that further property im-
provements can be achieved, and that with development such alloys may be suitable for future engine
applications.
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Transmission electron microscopyThe global drive to reduce emissions and improve efﬁciency in the
civil aviation and power generation industries demands the develop-
ment of new gas turbine engines with higher gas stream temperatures
and faster rotational speeds [1]. These service conditions cannot be tol-
erated by existing Ni-base superalloys and new alloys are therefore re-
quired. Ni-base superalloys derive many of their excellent mechanical
properties from dispersions of ﬁne-scale precipitates that have
superlattice structures of the face-centred cubic gamma (γ) matrix in
which they reside [2–3]. These precipitates impede themotion of dislo-
cations through the material due to the energy penalty associated with
the faulting of the precipitates following the passage of a single disloca-
tion and are used during thermo-mechanical processing to control the
grain size. The Ni-base superalloys currently used at the highest service
temperatures are strengthened by cubic Ni3Al gamma prime (γ′) pre-
cipitates. In contrast, the most widely used superalloy, Inconel 718
(IN718, Ni-20.5Cr-18.85Fe-0.33Co-1.84Mo-1.18Al-3.3Nb-1.23Ti-0.34C-
0.02B at.% [4]), is reinforced by tetragonal Ni3Nb gamma double prime
(γ″) precipitates. The additional strengthening conveyed by γ″ over γ′
is a function of the coherency of the precipitates with the matrix and
the distortion caused by the c-axis of the tetragonal γ″ [5]. However,
such alloys are limited to lower-temperature applications, as above
650 °C the γ″ phase decomposes to the thermodynamically stable δ
phase, with a concomitant deterioration in strength [6–7].
Efforts to improve the temperature capability of IN718 have adopted
two differing approaches. Firstly, compositional changes and controlledi), ngj22@cam.ac.uk
g), omdmm2@cam.ac.uk
dy@rolls-royce.com
ier Ltd. This is an open access articleheat treatments have been used to modify the morphology of the pre-
cipitates [8]. These changes resulted in a “compact-morphology” precip-
itate, consisting of a cube-shaped γ′ core with a shell of γ″ coating the
surface, producing a thermal stability greater than that of conventional
IN718. Secondly, more dramatic compositional modiﬁcations to IN718
have been explored [9]. Through increasing both the Al + Ti content
and raising the Al/Ti ratio it was shown that the coarsening kinetics of
the γ″ was retarded and that the precipitation of the δ phase was de-
layed, resulting in an increased thermal stability to IN718 type alloys.
In a recent systematic study of Ni-Cr-Al-Nb alloys, only γ and γ′
phases were observed to form in compositions with Al:Nb ratios be-
tween 2.3 and 1 [10]. Conversely, commercial alloys with low Al:Nb ra-
tios, b0.3, are known to preferentially form the γ″ phase [7]. These
results suggest that intermediate compositions should allow both
types of precipitate to co-exist. Indeed, some commercial alloys do
have Al:Nb ratios in this range and contain γ′ and γ″ phases. However,
such alloys have compositions biased towards either end of the range,
leading to microstructures dominated by one precipitate phase. For ex-
ample, IN718 contains ~3% γ′ and ~20% γ″. Through experimental ex-
ploration of the intermediate composition space, we have identiﬁed
superalloy compositions [11] with microstructures containing compa-
rable fractions of both γ′ and γ″ precipitates, which exhibit excellent
strength and microstructural stability.
Ingots of Ni-15Cr-4Al-6Nb (at.%) were produced by vacuum induc-
tion or vacuum arc melting from elemental metals with purity ≥99.9%.
To assess the effect of alloying on themicrostructure and properties, ad-
ditional ingots were prepared using the same routewith direct at.% sub-
stitutions of Ni by 1 or 2%Mo, 1 or 2%W, 2 or 6% Cr, 4 or 8% Fe, 4, 8 or 12%
Co. A larger quantity of Ni-17Cr-4Al-6Nb-0.15C-0.16B-0.0375Zr (at.%)
formechanical testingwas also produced by ATI PowderMetals through
a commercial powdermetallurgy route, including hot isostatic pressing,under the CC BY license (http://creativecommons.org/licenses/by/4.0/).
Fig. 1. Thedual-superlatticemicrostructure after heat treatment at 1200 °C for 4 h followed
by 700 °C for 1000 h. (a) STEM bright ﬁeld image and (b) corresponding electron
diffraction pattern along〈001〉γ, (c) dark ﬁeld image acquired using the superlattice
reﬂection encircled in red showing both cuboidal and acicular precipitates and (d) dark
ﬁeld image acquired using the superlattice reﬂections encircled in blue showing only
acicular precipitates, (e) high energy synchrotron X-ray diffraction spectrum, containing
characteristic peaks from the γ, γ′ and γ″ phases, STEM EDX elemental distribution maps
of (f) Ni, (g), Cr (h) Al and (i) Nb.
Fig. 2. The effect of heat treatment time at 700 °C (following solution treatment) on the
room temperature Vickers hardness and the microstructure of the base composition
alloy Ni-15Cr-4Al-6Nb (at.%). (a) The variation in room temperature hardness, (b) the
microstructure after 1 h at 700 °C, (c) the microstructure after 10 h at 700 °C, (d) the
microstructure after 100 h at 700 °C and (e) the microstructure after 1000 h at 700 °C.
Errors were calculated as the standard deviation of 10 individual measurements of the
alloy hardness.
137P.M. Mignanelli et al. / Scripta Materialia 136 (2017) 136–140isothermal forging and heat treatment. All alloys were solution heat
treated for 4 h at 1200 °C in evacuated and argon backﬁlled glass am-
poules. Thermal exposures of the alloys were performed attemperatures between 600 and 900 °C for durations of 1, 10, 100, 500
and 1000 h. Hardness data were obtained using a Vickers indenter
with a 30 kg mass and 30 s dwell and errors calculated as the standard
deviation of 10 individualmeasurements. Synchrotron X-ray diffraction
data were collected on the I12 beamline at the Diamond Light Source,
Didcot, UK under experiment EE9270. Scanning electron-imaging mi-
croscopy was completed using a FEI Nova NanoSEM 450 and transmis-
sion electron microscopy (TEM) was performed using an FEI Tecnai
Osiris. Dislocation imaging was conducted in high-angle annular dark
ﬁeld (HAADF) scanning transmission electron microscopy (STEM)
mode as the high level of strain in the sample prevented the use of con-
ventional TEM modes. Ambient and elevated temperature tensile test-
ing was performed under BS EN ISO 6892-2: 2009 at Swansea
Materials Research & Testing Ltd., Swansea, UK.
The microstructure of the alloy with composition Ni-15Cr-4Al-6Nb
(at.%) after solution treatment and ageing at 700 °C for 1000 h is
shown in Fig. 1a and contains appreciable and comparable volume
Fig. 3. The effect of alloying on the room temperature hardness of the dual-superlattice superalloy with base composition Ni-15Cr-4Al-6Nb (at.%) solution treated and aged at 800 °C for
100 h. Errors were calculated as the standard deviation of 10 individual measurements of the alloy hardness.
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fraction pattern acquired along [001]γ, Fig. 1b, contained reﬂections
fromboth superlattice structures, in addition to those from theγmatrix.
Dark ﬁeld electron imaging, using different superlattice reﬂections en-
abled the cuboidal precipitates to be identiﬁed as the γ′ phase and the
acicular precipitates as the γ″ phase, as shown in Fig. 1c–d. Further ev-
idence of their co-existence was established through high-energy syn-
chrotron X-ray diffraction, Fig. 1e, which showed characteristic peaks
from their respective structures. The elemental partitioning between
the phases was elucidated through compositional mapping using TEM
based energy-dispersive X-ray spectroscopy, Fig. 1f–i. The cuboidal pre-
cipitates were found to be rich in Ni and Al, whilst also containing Nb,
consistent with a Ni3Al based γ′ phase. In contrast, the acicular precipi-
tates were found to be rich in Ni and Nb, indicative of the Ni3Nb γ″
phase, which is known to possess limited solubility for Al [12].
The evolution of the alloy's microstructure and hardness as a func-
tion of heat treatment time at 700 °C, post solution treatment, is
shown in Fig. 2. Following cooling from the solution treatment, only γ′
precipitates were observed and the alloy's hardness in this statewas ap-
proximately 300 Hv. Subsequent heat treatment at 700 °C, which is
below the γ″ solvus of ~927 °C determined by synchrotron X-ray dif-
fraction, enabled the γ″ phase to form. Analysis of the γ′ phase in the
microstructure revealed a decrease in the volume fraction from 30 to
25% between 1 and 10 h, but for longer duration exposures the amount
of the γ′ phase remained approximately constant. Over the course of
100 h at 700 °C, Fig. 2b–d, a regular network of acicular γ″ precipitates
was established and coarsened, leading to a peak hardness of
~500 Hv. During ageing at higher temperatures the peak strengths
were achieved following shorter exposures, ~10 h at both 750 and
800 °C. The age hardening behaviour of the alloy offers potential bene-
ﬁts over many other superalloys in terms of the processing, forming
and machining operations required to manufacture a component. The
inability to suppress γ′ formation in Ni-base superalloys through rapid
cooling results in intrinsically hard materials. Therefore, superalloys
that contain large volume fractions of γ′, such as those used in higher
temperature applications, are difﬁcult to process and require forming
at temperatures close to their γ′ solvus. Conversely, superalloys that
are more amenable to forming operations inevitably include reducedγ′ volume fractions and therefore lower high temperature strength. No-
tably, the superalloy composition reported here contains only low γ′
volume fractions, potentially allowing it to be processed in the softer so-
lution treated state, but may be subsequently strengthened by γ″ for-
mation during the precipitation treatment. This offers the prospect of
lower processing costs than conventional high temperature superalloys
as well as the potential to fabricate components with more complex
geometries.
In service, Ni-base superalloys are required to operate for prolonged
periods at elevated temperatures without undergoing considerable mi-
crostructural evolution, which may result in property degradation and
necessitate component retirement. Critically, the γ-γ′-γ″ microstruc-
ture remained stable after 1000 hour exposure at 700 °C, Fig. 2e. Follow-
ing 1000 h at 700 °C, coarsening of the γ″ phase and a reduction in the
volume fraction was observed. Encouragingly, this was associated
with only a limited reduction in the alloy's hardness and no evidence
of δ phase precipitation. The undesirable δ phase was observed to
form following exposure at higher temperatures, after 500 h at 800 °C
and between 10 and 100 h at 900 °C. The occurrence of this phase dem-
onstrates that the γ″ phase is metastable and that δ phase formation
must be expected after extended periods at elevated temperatures,
which is consistent with unconstrained thermodynamic predictions
for this alloy. However, as the γ-γ′-γ″ microstructure was retained
with no evidence of the δ phase after 1000 h at 700 °C, this class of alloys
offer considerably superior stability than IN718, in which the δ phase
forms within 100 h at 700 °C and 1 h at 800 °C [13]. The increased sta-
bility of the dual-superlattice microstructure is thought to be a result
of the presence of the appreciable volume fraction of γ′ precipitates
that kinetically inhibit the transformation of γ″ to δ. This is consistent
with previous studies of IN718, which have indicated that a higher γ′
volume fraction reduces the coarsening rate of the γ″ precipitates, and
suppresses the formation of δ [9,14].
Ni-base superalloys commonly employ high concentrations of addi-
tional alloying elements in order to enhance theirmechanical properties
and resistance to environmental degradation [15–17]. To assess the ex-
tent to which the properties of the dual-superlattice superalloy investi-
gated here may be improved through solid solution strengthening, the
effect of Co, Cr, Fe, Mo andWwere studied on material solution treated
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sure temperature of 100 °C produced a debit of ~60 Hv to the base ma-
terial presented in Fig. 2 and, with the exception of Co, all of the
elemental additions increased the hardness of the alloy, as shown in
Fig. 3. Whilst additions of W provided the greatest degree of hardening,
surpassing the peak hardness of the base alloy achievedwith heat treat-
ment at 700 °C, presented in Fig. 2, they led to a loss of morphological
distinction between theγ′ andγ″ phases in the dual-superlatticemicro-
structure that may compromise other properties. In contrast, alloying
with Cr and Mo did not alter the microstructure and provided a signiﬁ-
cant degree of strengthening; offsetting the hardness debit due to the
100 °C temperature increase. These results suggest that further im-
provements could be achieved with judicious additions. Similarly,
alloyingwith Fe did notmodify themicrostructure, although it only pro-
vided limited additional strength to the material. However, this may be
useful as a potential route to reduce alloy cost.
Alongside the mechanical properties required of materials for use
within gas turbine engines, excellent environmental resistance is neces-
sary in order to withstand the high temperatures and corrosive atmo-
sphere. Studies on the fatigue behaviour of IN718 have considered theFig. 4. The variation in yield strength (YS), ultimate tensile strength (UTS) and elongation
to failure (El) as a function of temperature, alongside dislocation network imaging, of the
dual-superlattice superalloy. (a) Comparison of the YS and UTS as a function of
temperature with the yield strengths of 718Plus [19], Haynes 263 [20], Haynes 282 [21],
IN718 [22], Incoloy 909 [23], ME3 [24], Rene 88 [25], Rene 95 [26], RR1000 [27], U720
[28], Rene 220 [29] and Waspaloy [20]. (b) and (c) HAADF STEM images of the sample
tested at 700 °C imaged down the [110] zone axis showing the dislocation networks.
(b) shows evidence of distinct shear bands and cross slip between {111} planes
and (c) shows a magniﬁed view of the shearing of the γ′ and γ″ precipitates.formation of brittle niobium oxide ﬁlms to be critical in determining
the crack growth rates, in particular, the oxidation of NbC particles
found at the grain boundaries [18]. As such, oxidation testing of the
base alloy (Ni-15Cr-4Al-6Nb (at.%)) was conducted at 700 °C. Short-
term oxidation exposures revealed mass gain rates similar to that of
IN718 up to 100 h following transient oxidation. The results of a
1000 h isothermal exposure in air revealed that the maximum
depth of damage was ~1.5 μm, consisting of a ~0.3 μm oxide scale
with ~1.2 μm alumina ﬁngers penetrating into the bulk. The use of lab-
oratory X-ray diffraction equipment allowed the identiﬁcation of the
oxide scale species, which were found to be Cr2O3 and a NbCrO4 spinel,
with Al2O3 detected in very small amounts. The presence of δ phasewas
also detected in the laboratory X-ray diffraction of the surface, which
was not detected in the sample bulk.
To assess the tensile properties of γ-γ′-γ″ dual-superlattice superal-
loys, an alloy with composition Ni-17Cr-4Al-6Nb-0.15C-0.16B-0.0375Zr
(at.%) was produced and processed through a standard powder metal-
lurgy route. Minor elemental additions were included in the alloy to
provide improved grain boundary strength, in line with established in-
dustry practice for polycrystalline Ni-base superalloys [11,15–17]. Am-
bient and elevated temperature tensile testing of this alloy showed
that it possessed exceptional strength, Fig. 4a. For comparison, the
yield strengths of a number of widely used, commercially available
polycrystalline Ni-base superalloys are plotted as a function of temper-
ature in this ﬁgure. At room temperature, the yield strength of the new
dual-superlattice superalloy was N100 MPa higher than all of the com-
mercial superalloy comparators. This superior strength wasmaintained
across all of the temperatures considered, albeit to a lesser extent at
temperatures in excess of 750 °C. Critically, these strengths were also
achieved whilst retaining reasonable levels of tensile ductility, in the
range 6–13%. This strength beneﬁt was directly attributed to the dual-
superlatticemicrostructure, as the alloy contained lower concentrations
of solid solution strengthening elements than many of the other alloys
shown in Fig. 4 and, with a grain size of ~65 μm,would not be expected
to exhibit Hall-Petch strengthening above that of the commercial alloys,
which typically have grain sizes b30 μm [24–28]. It is known that the
strengthening beneﬁt of the γ″ outweighs that of γ′ on a normalised
volume fraction basis. However, the precipitation of the γ″ phase is lim-
ited to volume fractions of approximately 20% [30] due to the effect of
impinging strain ﬁelds surrounding the γ″ precipitates. New, higher
performance alloys reinforced by γ″ precipitates must therefore focus
on increasing the stability of the γ″ against the transformation to the δ
phase, whilst also restricting the coarsening behaviour of the γ″ to
maintain optimal mechanical properties. To this end, the increased vol-
ume fraction of γ′ in this alloy aids the stability of the γ″ phase by im-
peding the passage of the dislocations that are necessary for the
formation of stacking faults within the γ″, which have been shown to
be the pre-cursor for δ formation in IN718 and IN625 [6]. Furthermore,
the increased volume fraction of γ′ precipitates also enhance the me-
chanical properties by requiring more complex dislocation structures
to plastically deform the material [31,32].
To investigate the origins of the excellent tensile properties of this
alloy, HAADF STEM images were obtained from a sample subjected to
tensile testing at 700 °C. The images acquired, Fig. 4b, showed signiﬁ-
cant strain in the γmatrix induced by the presence of the precipitates
and evidence of the γ′ and γ″ precipitates having been sheared by the
passage of dislocations. Imaging at highermagniﬁcation, Fig. 4c, showed
that the γ′ precipitates were cleanly sheared, resulting in a lateral dis-
placement above and below the slip plane (red arrow), whereas, the
γ″ precipitates exhibited smaller displacements within each precipitate
(blue arrow).Whilst the speciﬁc dislocation structures and deformation
mechanisms are yet to be fully characterised, the differing interactions
of the dislocations with the γ′ and γ″ precipitates, as well as the high
strain in thematrix, are hypothesised to provide considerable resistance
to dislocationmotion, thereby leading to the high tensile strength of this
alloy. The excellent strength of the dual-superlattice superalloy is even
140 P.M. Mignanelli et al. / Scripta Materialia 136 (2017) 136–140more remarkable given its relative compositional simplicity and given
the data presented in Fig. 3, it is clear that further improvements
could be obtained through higher order alloying. However, whilst the
initial results are promising, it is recognised that these alloys will need
to demonstrate a balance of properties, including adequate creep, fa-
tigue, oxidation, corrosion and dwell fatigue resistance if they are to
ﬁnd use in gas turbine engines.
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